
CCDM	  EFRC	  /	  Thrust	  3	  /	  Haataja	  Research	  Group	  

Prof.	  Mikko	  Haataja	  (SI)	  
Department	  of	  Mechanical	  and	  Aerospace	  Engineering	  (MAE);	  
Princeton	  Ins@tute	  for	  the	  Science	  and	  Technology	  of	  Materials	  
(PRISM);	  
and	  Andlinger	  Center	  for	  Energy	  and	  the	  Environment	  (ACEE),	  
Princeton	  University	  

1	  

Morphology	  &	  
deforma?on	  of	  
TMDs	  (strain	  
engineering)	  

“Quantum	  
engineering”	  of	  
defects	  in	  TMDs	  
(mono	  vs.	  mul?layers,	  
homog.	  vs.	  heterog.	  
layers,	  …)	  

Fundamental	  
understanding	  
of	  materials	  via	  
systems-‐level	  
“materials	  
genome	  
approach”	  (incl.	  
extrinsic	  
proper?es)	  

Theory	  &	  modeling	  
across	  mul@ple	  length	  &	  
@me	  scales	  

Materials	  
synthesis	  

Experiments	  &	  
characteriza?on	  



Strain	  engineering	  of	  TMDs:	  2H	  (semiconductor)	  -‐>	  deforma?on	  -‐>	  1T’	  (metallic)	  	  

2	  

CCDM	  EFRC	  /	  Thrust	  3	  /	  Haataja	  Research	  Group	  

The discovery of a mechanical exfoliation method1 for two-
dimensional (2D) crystals has led to the discovery of
fundamentally new physics, and it was a watershed in the

search for the materials that will take the centre stage in
tomorrow’s technology. Among the layered crystals amenable to
isolation of atomically thin monolayers is a large family of
transition metal dichalcogenides (TMDs) having the chemical
formula MX2, where M is some transition metal and X stands for
S, Se or Te. The mostly semiconducting2 subset of TMDs where
the transition metal M is Mo or W (both in group VI) has
received the greatest amount of attention in the pursuit of
applications, including ultrathin flexible electronics2–8 and
valleytronics9,10. In an energy context, these materials hold
promise as hydrogen evolution catalysts when certain features are
exposed to the reacting environment11–16.

A special but often overlooked feature of group VI TMD
monolayers is that they have more than one possible 2D crystal
structure. This polymorphism sets group VI TMD monolayers
apart from other 2D materials such as graphene and hexagonal
BN17–19. Intriguingly, one of these structural phases is
semiconducting, whereas the others are metallic, unlike in the
case of group V TMDs, where electrically activated metal-to-
metal structural phase transitions have been demonstrated in
multilayer TaS2 (ref. 20) and TaSe2 (ref. 21).

It has been suggested that coexistence of metallic and
semiconducting regions on a monolithic MX2 nanosheet can be
used to make electronic devices18, and metallic regions have
been associated with catalytic activity leading to hydrogen
evolution12,16,22. Moreover, materials with dynamic metal-to-
insulator transitions close to ambient conditions are exceedingly
rare and worth pursuing because of their nonvolatile information
storage potential. Because the TMD metal-to-insulator transition
is structural in nature, considerable metastability and hysteresis
are expected to occur. This useful feature is absent in approaches
where band gap closure is achieved by (and conditional on) large
macroscopic strains to a fixed and normally semiconducting
TMD structural phase23. Phase transitions are even more exciting
in monolayers, which also provide opportunities for flexible, low-
power and transparent electronic devices.

Despite the clear motivation for doing so, it has thus far
proven to be challenging to transform semiconducting MX2
compounds to a stable metallic phase. A process of lithium-based
chemical exfoliation of bulk crystals has been shown to be a
successful route to obtain a metastable metallic phase of the group
VI TMDs18,24–26. It is, however, uncertain that this phase would
persist under all realistic operating conditions, and reversible
switching is not demonstrated in this case. One would like to know
under what thermodynamic conditions (if any) metallic phases of
TMDs are expected to be stable rather than just metastable. This
insight would point in a direction of dynamic phase switching and
large-area synthesis of the elusive metallic phase using standard
chemical growth techniques, such as chemical vapour deposition.
Chemical growth techniques are an area of rapid progress in recent
years27–32. One would furthermore like to know what TMD
compounds are nearest to the phase boundaries at ambient
conditions, and therefore most amenable to applications involving
transformations between phases or mixed-phase regimes.

Here we use density functional theory (DFT) and DFT-based
methods to determine the phase diagrams of TMD monolayers as
a function of strain. We find that equibiaxial tensile strains of 10–
15% are required to observe the metallic phase for most TMDs,
but MoTe2 may transform under considerably less tensile strain,
o1.5% under appropriate constraints. We further discover that
mixed-phase regimes can be thermodynamically stable under
certain thermodynamic constraints that are readily achievable in
the laboratory.

Results
Monolayer crystal structures. Under ambient conditions, all
group VI TMDs (except WTe2) are reported to exist in a layered
bulk crystal structure composed of monolayers wherein the X
atoms are in trigonal prismatic coordination around the M
atoms17. The atomic stacking sequence within a single XMX
monolayer is bAb. In keeping with prior literature, we will refer
to this as the 2H phase, even though the prefix ‘2’ is irrelevant in
monolayers because it refers to a bulk stacking mode. Group VI
MX2 monolayers in the 2H structure are semiconducting with
band gaps between 1 and 2 eV (refs 2,33,34). 2H TMDs are
promising semiconductors for flexible electronics applications2–8.
The 2H structure gives rise to metallic edge states that
are associated with electrocatalytic activity11. The primitive unit
cell of the 2H phase is hexagonal. For reasons of consistency
between different phases, our calculations on 2H use a non-
primitive rectangular unit cell whose axes align with zigzag and
armchair directions of the structure. These special axes can be
experimentally identified using second harmonic generation35,36,
and possibly also using the intrinsic piezoelectricity predicted to
exist in these materials37. Figure 1 shows the 2H structure within
a rectangular unit cell having lattice constants a and b.

When one of the 2H structure’s X layers is shifted (for instance,
bAb-bAg), the X atoms are in octahedral coordination around
the M atoms, and the crystal becomes metallic. This phase is
referred to as 1T and is observed in group IV and group V TMD
compounds (for example, TiS2 and TaSe2 (ref. 17)). Its atomic
structure is also shown in Fig. 1. We have calculated the atomic
vibrational normal modes (!-phonons) within the relaxed
rectangular 1T unit cell of all six group VI TMDs. In all cases,
one of the optical phonon modes has an imaginary vibrational
frequency. This result asserts that the high-symmetry 1T structure
is unstable (saddle point in 18D atomic potential energy surface),
at least in the absence of external stabilizing influences.

The group VI TMDs do have a stable metallic structure with
octahedral-like M–X coordination. This lower-symmetry phase,
which we will refer to as 1T0, is a distorted version of the 1T
structure12,17,38. This phase has recently been shown to enhance
electrocatalytic activity in WS2 (ref. 12). A rectangular (as well as
primitive) 1T0 unit cell is displayed in Fig. 1. The 1T0 phase is
observed in WTe2 under ambient conditions17, MoTe2 at high
temperature39 and as a metastable phase in instances of
chemically exfoliated18 and restacked38 MX2 monolayers.

Phase energetics in the absence of mechanical stress. Figure 2
shows the calculated equilibrium (that is, stress-free) relative
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Figure 1 | The three crystalline phases of 2D group VI TMDs. Each can be
represented in a rectangular unit cell with dimensions a! b. All three
phases consist of a metal (Mo/W) atom layer sandwiched between two
chalcogenide (S/Se/Te) layers. The semiconducting 2H phase is often
referred to as the trigonal prismatic structure, and the metallic 1T and 1T0 are
called octahedral and distorted octahedral, respectively. The 1T0 phase can
be thought of as 1T after a symmetry-reducing distortion.
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energies of the phases (2H, 1T and 1T0) of the group VI MX2
monolayer materials. These values are calculated using DFT
under the generalized gradient approximation (GGA) for elec-
tronic exchange and correlation effects, using the Perdew–Burke–
Ernzerhof40 (PBE) functional. The results are consistent with the
experimental observation for bulk crystals that only WTe2 is 1T0

under ambient conditions17. It is also evident from these data that
the energy associated with the 1T to 1T0 relaxation is
considerable: several tenths of an eV per MX2 formula unit.
The three phases’ equilibrium lattice constants and energies are
tabulated in Supplementary Table 1.

Phase energetics under biaxial strain. Thermodynamics asserts
that a system will seek to minimize whichever thermodynamic
potential is appropriate for the prevailing mechanical and thermal
boundary conditions41. The simplest example of such a
thermodynamic potential is the internal energy U. In the low-
temperature limit, any system will seek to minimize U when it is
constrained to a given shape. Under these conditions, an MX2
monolayer constrained to be described by a rectangular unit cell
with dimensions a! b is expected to be in the lower-U phase for
those values of a and b.

Experimentally, relevant phase diagrams of monolayers differ
from those of bulk materials at high pressure in at least one
important respect: the monolayer can be mechanically coupled to
a substrate with friction, enabling the independent control of a
and b lattice parameters (Fig. 3). Another key distinction is that
large elastic deformations in monolayers can be reached through
tensile strain42,43, whereas large elastic deformations in most
bulk materials are accessible only under compression. Large
compressive stresses are problematic in TMD monolayer
materials due to the spontaneous ripple formation that has
been studied in MoS2 (refs 44,45).

For the six group VI MX2 monolayers, we use GGA–DFT to
calculate the energies U(a,b) of the three monolayer crystal
structures on a 7! 7 grid in (a,b) space, giving a total of 49 points
of (a,b)-values around the minimum-energy equilibrium lattice
constants a0 and b0 (listed in Supplementary Table 1). U is
obtained after allowing the ions to relax their positions within
each unit cell. Intermediate values for each phases’ U(a,b) are
subsequently approximated using the Lagrange46 interpolation

method:
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Lagrange interpolation is chosen because it contains no
physical assumptions about the shape of the U(a,b) energy
surface over a large range of tensile and compressive strains. It
also greatly facilitates the approximation of local derivatives
(which we need later) without suffering from conditioning
problems found in other high-order polynomial methods.

Using this approach, we discover that the 2H and 1T0 U(a,b)
energy surfaces intersect for sufficiently large strains. Figure 4
shows the contours that follow the intersection of the 2H and 1T0

energy in (a,b) space. The changes in a and b required to change
the relative energies U of the 2H and 1T0 phase range from 13%
(MoS2) to 3% (MoTe2). Because many bulk materials begin to
dissipate strain energy through fracture or dislocations at strains
on the order of 0.1% (roughly 10% 5 eV per atom), these threshold
strains may at first appear to be prohibitively large. However,
it has been experimentally demonstrated that monolayer TMDs
are exceedingly strong: Bertolazzi et al.42 have performed atomic
force microscopy (AFM) experiments where 2H-MoS2
monolayers are shown to reversibly withstand in-plane tensile
stresses up to 15 Nm% 1, corresponding to B10% of the
material’s in-plane Young’s modulus. Such deformations
correspond to an elastic energy of order 0.1 eV per atom. From
the local derivatives of the 2H phase’s U(a,b) at the equibiaxial
transition strain, we find that the 2H stresses (in Nm% 1) at this
point are 12.8 (MoS2), 10.8 (MoSe2), 6.9 (MoTe2), 13.6 (WS2) and
10.5 (WSe2). This suggests the possibility that a transition
between 2H and 1T0 might be observable below but near the
breaking threshold.

From Fig. 4, we can also see that WTe2, which is usually in the
1T0 phase, can be pushed into a 2H regime under compression,
which is complementary to all the other cases where one would
go from 2H to 1T0 through tension. While this is interesting, we
will not focus on it since in-plane compression in monolayer
WTe2 may be experimentally challenging to achieve without
incurring any buckling response.
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Figure 2 | Ground-state energy differences between monolayer phases of
the six studied materials. The energy U is given per formula unit MX2 for
the 2H, 1T0 and 1T phases. Its value is computed at the equilibrium (zero
stress, r) lattice parameters for each phase. Because r¼0, these values for
U are equivalent to the enthalphy H. Vibrational energy is not included in
these values.
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Figure 3 | Substrate-based application of strain to a TMD monolayer.
One way in which the lattice parameters a and b of an MX2 monolayer may
be tuned is by virtue of an underlying substrate (shown in blue). Because
the substrate and the monolayer have a preferred crystallographic
alignment, the deformation of the substrate can be transferred to the TMD
monolayer. If the values of the lattice constants a and b affect which of the
phases is thermodynamically stable, the application of strain (or chemical
growth of the monolayer on a strained substrate) can be used to select a
particular phase.
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The accuracy of these predictions of small transition strains
based on 2D interpolation is validated using additional calcula-
tions in the case of MoTe2. We run a 10! 10 grid of PBE, phonon
and HSE06 calculations in a region in (a,b)-space with axial
strains ranging from " 5 to 10%. This new data set is three times
as fine as the 7! 7 grid and also includes PBE-calculated
phonons. Coexistence regimes are extracted from a series of 1D
fits on this refined grid, as illustrated in Supplementary Fig. 2. The
typical difference between uniaxial-load transition strains from
this approach and the equivalent strains from the 2D Lagrange-
interpolating method used throughout the main text is 0.002 for
HSE06 and 0.005 for PBE (Supplementary Fig. 3).

In the case of macroscopic uniaxial strain at 300 K (not shown
in Fig. 8), the HSE06 functional predicts an onset of the
coexistence regime at 1.6% strain, whereas PBE predicts 3.0%.

These strains are obtained from 1D cubic fits (illustrated in
Supplementary Fig. 4) on the refined 10! 10 grid of DFT-
calculated energies, at fixed lattice constant a¼ 3.550 Å and
varying b. Supplementary Figure 5 summarizes all uniaxial-load
and uniaxial-strain results based on this 10! 10 grid.

Discussion
Recent calculations and AFM experiments43 have demonstrated
that a MoS2 monolayer can be subjected to 20% equibiaxial strain.
In these experiments, a pre-tensioned MoS2 sheet is pushed into a
circular cavity by means of an AFM probe. These experiments
report no evidence of a phase transition, but do report the
presence of sufficiently large equibiaxial deformations (Fig. 4) in
the small region under the AFM tip. The indentation timescale
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Figure 7 | Phase coexistence under an applied force or extension. A tensile mechanical deformation (for example, hydrostatic, uniaxial load or uniaxial
strain) expands a region of the TMD monolayer. This strained region can be freely suspended or locally sliding over a low-friction substrate, as shown in a.
The 2H/1T0 Helmholtz free energy landscape b is traversed in this process. In step 1, the 2H phase deforms elastically and no phase transition is observed.
Beyond some critical strain in step 2, the lowest free-energy path is a common tangent between the 2H and 1T0 energy surfaces, manifesting a coexistence
regime where both phases are coexisting in mechanical equilibrium. If the experimental setup is such that the extension is controlled (for example, using a
stiff AFM probe), this region is observed as a plateau in the applied force c. At the strain level of step 3, the lowest energy phase is composed of 100% 1T0,
completing the mechanically induced phase transition.
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Figure 6 | Load-specific trajectories and transitions of MoTe2 at 300 K. Panel a uses the PBE functional to calculate the crystal energy, whereas the
HSE06 functional is used in b. Starting at their stress-free 2H equilibrium values a0 and b0, the lattice constants a and b evolve in response to progressive
application of a uniaxial-load (Fy) or a ‘hydrostatic’ isotropic tension (s). At a certain load, the 2H and 1T0 thermodynamic potentials cross. When this
transition occurs, the lattice constants jump from their 2H to their 1T0 values. A coexistence regime is expected to exist in the dashed regions, where
increasing the b lattice constant while keeping Fx¼0 (uniaxial load) or increasing the area ab under hydrostatic conditions can yield regions of 2H and 1T0 in
the monolayer. Although the solid trajectories appear to be mostly rectilinear, they represent an aggregate of finely sampled data points travelling along the
Lagrange interpolation surface.
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phase	  boundaries),	  presence	  of	  other	  1T’	  variants,	  and	  finite	  strain	  rate	  effects.	  	  
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FIG. 2. (a) Optical micrographs of TES ADT crystallization show that crystal growth occurs preferentially on bare SiO2
(green) compared to PFBT-treated Au substrate (orange). The crystal-amorphous interface is traced in white. Crystallization
proceeds faster in the 75 ± 0.33 µm-wide channel (top) than in the 2 ± 0.33 µm-wide channel (bottom). (b) Numerical
simulations of polycrystalline growth exhibit similar behavior. Colors represent di↵erently oriented crystalline grains, while
the yet-to-crystallize regions are shown in white.

PFBT-treated Au. Figure 2(a) shows optical micrographs of TES ADT as crystallization takes
place along channels with widths of 75 ± 0.33 and 2 ± 0.33 µm during solvent vapor annealing,
demonstrating qualitatively that growth velocity decreases for narrower widths. Since crystalli-
zation also proceeds on PFBT-treated Au regions, confinement of crystal growth to the surface-
energy-defined channel is not perfect and leads to shapes that resemble those of the numerical
simulations shown in Fig. 1(b). Furthermore, in solvent-vapor-annealed TES ADT, the crystalline
phase is actually polycrystalline with many di↵erently oriented grains separated by grain bound-
aries,1 so the shape of the growth front is not completely smooth. To explore the e↵ects of poly-
crystallinity and interfacial roughness on channel growth kinetics, we performed additional numer-
ical simulations of the di↵use-interface model described in Ref. 21, which has previously been
applied to study growth of spherulites in organic thin films. We use non-dimensionalized parame-
ters N

t

= 26 000, M

max

= 5 ⇥ 104, �t = 2.4 ⇥ 10�5, Ny = 1024, �x = �y = 0.01, ✏2 = 2 ⇥ 10�5, ↵
= 0.12,�✓ = 0.2, � = 20, k

B

T = 1.6 ⇥ 10�6, l

2 = 3.2 ⇥ 10�4, and r = 0.1. Figure 2(b) shows simu-
lated morphologies demonstrating qualitatively that capillary slowing is still observed for polycrys-
talline growth. In addition, Fig. 1(d) shows that across five independent simulations of polycrys-
talline growth, growth front velocity is quantitatively described by Eq. (2) within the scatter of the
data.

Finally, we quantitatively compare the experimentally measured crystal growth velocity
behavior against our theoretical predictions. To this end, Fig. 3 shows that for channel widths
greater than approximately 20 µm, capillary e↵ects are negligible and the growth velocity is e↵ec-
tively constant, but growth rate falls rapidly for smaller w. The solid blue curve in Fig. 3 shows a
fit of the experimental data to Eq. (2) with rV

max

fixed to equal the average measured growth rate
on PFBT-treated Au. The fit yielded a characteristic channel width of w

c

= 2�/E = 3.7 ± 1.2 µm,
where the error bar represents a range of reasonable fits based on visual quality of the fit.

In order to estimate the physical value for E, we can use Turnbull’s empirical formula22 to esti-
mate the solid-liquid interfacial energy of a material from its heat of fusion, giving � ⇡ 7 mJ/m2 for
TES ADT. Since this represents only a rough estimate,9,23 we can more conservatively hypothesize
(based on the solid-liquid surface energies of several other organic compounds23) that the TES ADT
crystal-amorphous interfacial energy ranges from � ⇡ 5 to 50 mJ/m2. Using this range of values for
� along with the value for w

c

extracted from the experimental data, we find that the free energy
di↵erence between the as-spun disordered phase and the more stable spherulitic phase ranges from
E ⇡ 1.3 to 13 J/mol for TES ADT, corresponding to an equivalent undercooling of TES ADT of
0.05–0.5 �C. Interfacial mobility M in turn is estimated to range from M ⇡ 1.3 ⇥ 10�6 to 1.3 ⇥ 10�5

m mol/J s for the same system.
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FIG. 3. Experimentally measured growth front velocity V as a function of channel width w. As w approaches zero, V
approaches the growth rate on PFBT-treated Au, indicated by the thick gray line whose thickness indicates one standard
deviation about the average. Horizontal error bars represent ±0.33 µm channel width resolution and vertical error bars
indicate one standard deviation of velocity measurements. The solid blue curve is a fit to Eq. (2) and the light-blue dashed
curves show Eq. (2) with w

c

= 2�/E = 3.7±1.2 µm.

In summary, we have derived an analytical expression for interfacial velocity when a phase
transformation is guided along a straight channel defined by di↵erential growth rates. We verified
our theoretical predictions with simulations of a di↵use-interface model and employed analytical
expressions to extract the characteristic channel width (that is, the ratio of the surface energy of
the crystal-amorphous interface to the bulk thermodynamic driving force for crystallization) below
which capillary e↵ects strongly influence crystallization in TES ADT. More broadly, we expect that
our approach will enable the quantification of important material parameters for crystallization in a
wide range of organic thin-film systems.
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